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Structural analysis of phases and heterophase
interfaces in the zirconium–boron system
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The aZr–ZrB2 eutectic, a model system for metal–boride interfaces, was prepared by r.f.
induction melting from high-purity zirconium ingots and zirconium diboride powders. At the
eutectic composition and depending on the cooling rate, the formation of either the ZrB
phase or a Zr(B) solid solution has been observed in addition to the expected compound aZr
and ZrB2. For slow cooling rates, the formation of the compound ZrB by a peritectoid
reaction and most likely stabilized by light elements (carbon, nitrogen, oxygen) has been
observed. After rapid quenching, TEM investigations revealed the formation of a zirconium-
based metastable phase; this new phase, with a nearly fcc structure, has been found in thin
foils and is directly related to hexagonal aZr by a Shoji–Nishiyama orientation relationship.
The structure at interfaces with habit planes featured by trigonal symmetry (M0 0 0 1N for
hexagonal and M111N for fcc), has been investigated using weak-beam diffraction contrast
and high-resolution transmission electron microscopy. The interfaces with a small
difference in lattice parameter are accommodated by a misfit dislocation network, whilst
those with a large difference in lattice parameter exhibit a more complex structure with
ledges and facets.  1998 Kluwer Academic Publishers
1. Introduction
Metal IVB—boride intermetallics (Ti—Zr—Hf )B

2
have

attracted substantial interest on account of their ex-
treme chemical and physical properties [1,2]. More
specifically, they exhibit corrosion resistance, high
electrical and thermal conductivity, high hardness and
strength, thermal-shock and oxidation resistance at
high temperature. By combination of these properties,
borides should find technological applications for
high-temperature devices in the aircraft and refractory
industries. So far, they have been used as an alterna-
tive to oxide compounds in metal or alloy matrix
composites [3]. The good wettability by molten alu-
minium has also promoted the fabrication of TiB

2
cathodes for electro-metallurgical industries [4, 5].
Moreover, coatings on titanium metallic devices sub-
jected to high rate frictions has been emphasized re-
cently as an alternative application for titanium or
zirconium boride. However, one of the limiting factors
for their most efficient use, is the fabrication of high-
strength metal—metal boride interfaces for long-lasting
coatings.

In the present study, this problem was primarily
investigated through the analysis of the phases and
heterophase interfaces which are likely to be produced
in the Zr—B system. The Zr—B binary system has been
*Author to whom all correspondence should be addressed.
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selected as a model case study. According to the phase
diagram, interfaces can be produced in situ from the
high-temperature eutectic composition bZr—ZrB

2
and

subsequent solid phase transformations yield the
formation of energetically favourable configurations
for the interfaces. In addition, the formation of
aZr—ZrB

2
is directly possible, while the isomorphic

interface aTi—TiB
2

may not be directly obtainable for
the production of the stable compounds TiB and
Ti

3
B
4

at room temperature.
This paper will essentially focus on the structure

and composition of the phases and interfaces with
dense habit planes, produced through the preparation
procedure used, and subsequent thermal treatments.
In a preliminary study [6], the existence of the zirco-
nium monoboride compound was confirmed and
most probably stabilized by impurities, mainly car-
bon, nitrogen and oxygen. Unlike the results men-
tioned in the literature [7—9], we have found that ZrB
is easily stabilized at room temperature after slow
cooling. In addition, a nearly f c c metastable form of
zirconium, denoted sZr, has been identified in speci-
mens obtained after fast cooling rate. A systematic
experimental study of the orientation relationships
between the phases which are likely to coexist in our
samples was reported in a recent paper [10]: two main
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types of orientation relationship between the compact
phases (the hexagonal phases aZr (P6

3
/mmc) and ZrB

2
(P6/mmm), the f c c phases sZr (Fm31 m) and ZrB
(Fm3M m)) were found with the parallelism of the densest
plane and directions of each structure. A group-theory
analysis, accounting for the phase-transformation
paths related to the thermal treatments and interface
symmetries, stresses the fact that these experimentally
observed configurations should be the most energeti-
cally favourable ones.

The preparations of the eutectic aZr—ZrB
2

com-
pound and the thermal treatments are reported here,
along with the phase structure and the phase trans-
formations analysis. Interfaces with dense atomic
habit plane have been analysed by weak-beam and
high-resolution electron microscopy experiments and
differences in interface structure have been related to
the lattice misfit.

2. Preparation and phase analysis
Samples at the eutectic composition Zr—ZrB

2
(1.9 wt% boron) were prepared using r.f. induction
(STEL generator, 500 kHz, 25 kW) and heated to
about 2000°C to reach the melting point of zirconium
and to dissolve the ZrB

2
powders in the molten liquid.

After complete homogenization of the liquid, the mix-
ture was cooled to 1680 °C for eutectic solidification to
occur, producing ZrB

2
needles embedded in bZr

single grains. In order to limit external contamination,
the ingots were prepared in a water-cooled copper
hearth, under a continuous high-purity argon flow.
The zirconium used was prepared by the Van Arkel
process and was therefore of very high purity; the
ZrB

2
used was a commerical powder (99.5 wt% pu-

rity). Specimens for TEM were cut from the central
part of the ingots, mechanically polished down to
50 lm thickness and then resized to a 3 mm disc.
Thinning was completed by argon-ion beam milling.
TEM foils were investigated using a 2000EX Jeol
(200 kV) for conventional and weak-beam experi-
ments. High-resolution electron microscopy (HREM)
was carried out on an Akashi Topcon 002B (200 kV,
C

4
"0.4 mm, point resolution"0.18 nm). Fig. 1a

shows the morphology of a ZrB
2

needle for a slowly
cooled specimen (0.5 Ks~1) and Fig. 1b that for a rap-
idly cooled specimen (100 Ks~1). Needles are larger
and interfaces flatter for slow cooling thermal treat-
ment. For faster cooling rates, ledges are present at
the interfaces and the needles are about ten times
narrower.

Zirconium monoboride (ZrB) was observed in the
samples obtained after slow cooling of specimens, and
were identified with the NaCl type structure, by se-
lected-area electron and X-ray diffraction. Portnoi
and Romashov [9] proposed that the presence of
impurities such as carbon, nitrogen and oxygen, is
most likely a stabilizing factor in the formation of ZrB
and is due partly to the high reactivity of Zirconium.
Imaging by conventional electron microscopy reveals
the phase to be present as an interlayer growing
at the zirconium/zirconium diboride interface [6].
The lattice parameter of ZrB, measured by X-ray
4036
Figure 1 Transmission electron micrograph of a ZrB
2

needle em-
bedded in an aZr matrix, (a) produced by growth during slow
cooling; (b) produced by growth during fast cooling.

experiments, is 0.471 nm, and is consistent with the
value proposed by Haggerty et al. [11] on ZrB pre-
cipitates produced by boron evaporation from ZrB

2
single crystal.

Owing to the presence of impurities and of the
zirconium monoboride, the phase diagram proposed
by Glaser and Post [7] was used instead of the current
Zr—B phase diagram [12]. This work suggested that
ZrB phase appears by a peritectoid reaction at
1250 °C between bZr and ZrB

2
. As proof, after solidifi-

cation, part of the samples were annealed at 1300 °C
for 1h and then cooled relatively quickly to room
temperature. ZrB was not found in these samples. This
indicates that only the equilibrium between bZr and
ZrB

2
phases is likely to coexist above this temperature

and that the phase transformation for the formation of
the monoboride is not allowed, because of slow
atomic diffusion.

Further investigations on the same rapidly quen-
ched specimens systematically revealed in thin areas of
the TEM foils, an unusual close-f c c zirconium phase
that the authors have denoted sZr. The phase bound-
ary aZr—sZr, imaged along a common zone axes on



Figure 2 (a) HREM image of an aZr—vZr phase boundary in the [1 1 26 0] aE[0 1 16 ]v projection. (b—d) Related patterns of the vZr related to
a nearly f c c structure.
the HREM image (Fig. 2a), indicates directly that sZr
is produced by a phase transformation of the a phase
following the Shoji—Nishiyama orientation: [1 1 21 0]
aE[0 1 1]s and (0 0 0 1) aE(1 1 1)s. Fig. 2b—d are elec-
tron diffraction patterns of the sZr phase. Careful
measurements in the reciprocal space indicate that the
structure is slightly elongated and/or sheared with
respect to a face-centred cubic structure. Moreover, on
the 0 0 1 zone axis of Fig. 3c, extra spots with a lower
brightness are present at some of the positions of the
f c c forbidden reflections 0 0 1 and 0 1 1. According to
the indexing, only the 1 0 0 and 11 0 0 reflections are
missing from the pattern. The parameter of the ap-
proximate f c c structure of sZr, measured from those
diffraction patterns is 0.496 nm. The deformation of
the unit cell, such as elongation, compression or shear,
cannot be responsible for the occurrence of extra re-
flections. These can only be due to a change in the
lattice symmetry or, in other words, to a change in the
chemical ordering of the unit cell.

According to the phase diagram, the stable form of
zirconium at high temperature forms a solid solution
with boron upto 1.5 at%. This concentration of boron
can be retained at room temperature after fast cooling.
However, boron is now not in equilibrium in a solid
solution with aZr and this unstable configuration can
yield the a—s phase transformation. This new phase
will have to be stabilized through a joint effect, com-
bining the energy provided by the Ar` ion milling and
a thin foil effect. The low impurity content found in
sZr [13] cannot, by itself, account for the intensity
present at the f c c forbidden reflection positions, as
observed on the 0 0 1 zone axis. This effect will have to
be ascribed to slight displacements of zirconium
atoms with respect to the f c c Bravais cell.

3. Interface structure
The heterophases investigated are in the equivalent
orientation relationships:

(0 0 0 1) E (0 0 0 1) and [1 1 21 0] E [1 1 21 0]

(0 0 0 1) E (1 1 1) and [1 121 0] E [1 1 0]

As the (0 0 0 1) plane of the hexagonal structure and
the (1 1 1) plane of the f c c structure have the same
two-dimensional trigonal symmetry, a similar mode of
accommodation at the interfaces with such a habit
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Figure 3 (a) TEM weak-beam image (g"1 11 0 0) of a (0 0 0 1)
aZr—ZrB

2
interface, revealing two sets of misfit dislocations (bright

contrasts). (b) Schematic drawing of a hexagonal network in projec-
tion along a tilted direction. The thick lines composed of long and
short segments depict the dislocation network observed in the
weak-beam image.

plane should be expected, in as much as the lattice
misfit is not too different. This is the case for the
aZr—ZrBr

2
, aZr—ZrB which are featured by a low

misfit 2% and 3%, respectively. The structure at these
interfaces may be compared with that at the
sZr—ZrB

2
, featuring a high 10% misfit.

Weak-beam experiments on an aZr—ZrB
2

interface
reveal a set of periodic lattice strain contrasts related
to misfit dislocations (Fig. 3). In this study, the weak-
beam method, as well as ‘‘two-beam’’ bright-field con-
ditions, were used only to observe the geometry of the
dislocation network. The weak beam is a convenient
method for imaging well-separated dislocations from
their related lattice distortion. Moreover, the type of
contrast produced by the weak beam allows us to
distinguish between lattice distortion and Moiré
fringes which are not obvious in bright-field condi-
tions. This image is for a nearly two-beam condition
using a reflection g"1 11 0 0 of the ZrB

2
phase, there-

fore implying that only a part of the total dislocation
network is imaged. In fact, two sets of dislocation lines
can be seen on this image even if one of them is
drastically shortened by the projection. This effect is
illustrated in the inset of Fig. 3 and demonstrates the
4038
wave-like structure of the weak-beam contrasts. The
single arrow in the figure points to a slightly mis-
oriented zone of the boundary revealing, in the dark-
field condition the projected hexagonal dislocation
network. The actual mean projected periodicity is

Figure 4 Bright-field TEM image of an aZr—ZrB interface exhibi-
ting a curved boundary (a) which can be resolved as facets (b) at
higher magnification.

Figure 5 (a) TEM weak-beam image (g"0 21 41 ) of an aZr—ZrB
interface with two sets of misfit dislocations (bright contrasts) on the
(0 0 0 1), (1 1 1) facets. (b) Dark-field (g"2 02) with the entire dislo-
cation network (in dark contrast).



measured as dM "14 nm, which corresponds to a dislo-
cation interspacing of d"2 dM /31@2"162 nm.

Similar weak-beam experiments were performed at
a aZr—ZrB interface. Now, the interface is not flat at
low magnification (Fig. 4a) and appears at larger mag-
nification to be composed of a nanometre scale of
(0 0 0 1)—(1 1 1) facets separated by ledges (Fig. 4b). The
weak-beam image in Fig. 5a (g"0 21 41 ) indicates the
presence of misfit dislocations at the facet planes, very
similar to the case of the aZr—ZrB

2
interfaces. This

observation also corresponds to the situation depicted
in Fig. 3. The hexagonal shape of the overall misfit
dislocation network is revealed on the dark-field im-
age performed with the reflection g"202 (Fig. 5b).
For this network, the dislocation interspacing meas-
ured is 12 nm and the direction of the lines is parallel
to the common S1 0 11 0T, S2 1 1T.

The dislocation networks were modelled geomet-
rically, using the misfit concept first introduced by
Brooks [14]. The difference in lattice parameter along
an interface is seen as a set of additional planes within
the crystal having the smallest lattice distance, each
additional plane being located between two successive
areas of good matching. In order to minimize the
Figure 6 Superposition of two two-dimensional hexagonal networks depicting the aZr—ZrB
2

and aZr—ZrB interfaces). The parameter
difference gives rise to a hexagonal net of good matching zones or coincident nodes (black dots) and bad matching zones. (b) The resulting
misfit dislocation network is constructed by locating a dislocation segment inbetween two adjacent coincident nodes.
interfacial energy, a network of dislocations has to be
considered and their Burgers vector is directly related
to the additional translation introduced by the differ-
ence in lattice parameter. The structure and geometry
of the overall two-dimensional misfit dislocation net-
work is governed by the symmetry of the planes in
contact at the interface, the orientation relationship,
and the misfit. A superposition of the atomic config-
uration in contact at the interface locates the good and
bad matching zones at the interface (Fig. 6a) and
consequently the misfit dislocation network (Fig. 6b).
In these approaches, the dislocation lines are parallel
to the S1 0 11 0T, S21 1T direction in perfect agreement
with the experimental result on the aZr—ZrB inter-
face. The distance between dislocations lines (11 nm
for aZr—ZrB and 16nm for aZr—ZrB

2
) is given by

d"a
1
/d, with a

1
the lattice I interspacing and d the

misfit parameter calculated from d"2Da
2
!a

1
D/

Da
2
#a

1
D, with a

2
the lattice II interspacing. For a

hexagonal lattice, the interspacing a
i

is the lattice
parameter a, whereas for the f c c lattice, a

i
is the

modulus of the vector a/2[1 11 0] with a, the lattice
parameter of the cubic structure. Despite the rough-
ness of this analysis, the experimental results and
4039



the modelling are fairly consistent for the interface
aZr—ZrB

2
, whilst for aZr—ZrB, an 8% difference arises

between the dislocation distance measured and cal-
culated. This discrepancy may be ascribed to the aZr
lattice expansion at the interface, induced by ZrB
having larger plane interspacings. Brooks [14] em-
phasized very early that the modelling should be cal-
culated with the strained lattice parameters, but such
values remain rather difficult to measure experi-
mentally because the strain field is localized over few
atomic planes parallel to the interface. For the case
study, considering ZrB as infinitely rigid in compari-
son with the metal, the discrepancy would indicate
a 0.25% swelling of the aZr lattice.

For the vZr—ZrB
2

interface, no line contrast was
observed in the bright field or by the weak method,
and further investigation were done by high-resolu-
tion electron microscopy. Fig. 7 is a projection of the
two structures along the common [0 11 1] E [1 1 21 0]
zone axes. Based on comparisons with image simula-
tions, the thickness of the sample and the defocus-
ing of the image were estimated to be respectively
10 nm and !50 nm with white contrasts on the
zirconium columns for both vZr and ZrB

2
. In the

presence of zirconium (Z"40) the boron atoms are
Figure 7 (a) HREM image of a type I vZr—ZrB
2

interphase in the [0 11 1] E [1 1 21 0] projection. White dots are related to the zirconium atomic
columns in the two phases. Inset enlargement of the [1 11 0 0] E [2 11 11 ] vZr—ZrB

2
; arrows A and B indicate a monatomic step at the interface

and a stand-off dislocation in vZr, respectively. (b) Higher magnification view of the interface area.
4040
not detectable on the simulated images and experi-
mental contrasts can be directly connected to the two
sublattices of zirconium. The variation of the image
contrast reveals, from left to right, a long and flat
interface along the (1 1 1)E(0 0 0 1) habit plane, a high
ledge with a (2 11 11 ) E [1 11 0 0] habit plane, and a some-
what more disordered interface which will not be
taken into consideration hereafter.

Although the vZr—ZrB
2
(1 1 1) E (0 0 0 1) interface

has the same two-dimensional symmetry as the
aZr—ZrB

2
and aZr—ZrB interfaces, the mode of ac-

commodation is definitely different. A careful exam-
ination of the boundary area (Fig. 7b), shows large
zones of good matching, despite the 10% misfit. In any
event, a hexagonal a/3S1 1 21 0T dislocation network
does not appear to be involved in the accommodation
of the interface. If this had been the case, the disloca-
tion lines would have been inclined with respect to the
zone axis of the experimental HREM image. Then
they would have exhibited an extended loss of resolu-
tion at the interface associated with a periodic ar-
rangement of a poor matching zone, as observed by
Lu and Cosandey [15] (this period would have been of
about 10 (1 11 0 0) interplanar spacing of ZrB

2
, for 10%

misfit at the interface). It is suggested, instead, that



a misfit as large as 10% could be compensated by a set
of monoatomic ledges, the structure and arrangement
of which would depend on the lattices crystallographic
structures, on their mutual orientation and on the
lattices parameter misfit [16].

On considering the contact plane (1 11 0 0), (2 11 11 ), the
facet of the high ledge shown in the inset of Fig. 7a has
to accommodate 21% misfit between the dense atomic
planes perpendicular to the ledge; (0 0 0 1) for simple
hexagonal in ZrB

2
and (1 1 1) for f c c in vZr. The

experimental image reveals a monatomic step located
in the middle of the ledge (arrow A), which is likely to
be involved in such a structural matching in the
boundary plane. The misfit appears to be compen-
sated by a dislocation within the vZr lattice in the
lower part of the ledge (arrow B) and by an 18%
swelling of the vZr lattice in the [1 1 1] direction in the
upper part.

4. Conclusion
In a preliminary stage, the present paper has reported
an analysis of the composition and structure of hetero-
phase interfaces produced for specific thermal condi-
tions. The interphases were prepared in situ by eutectic
solidification from a homogeneous high-temperature
liquid mixture. Sample preparation combined r.f.
induction in order to reach high temperature and
subsequent thermal treatment, a copper hearth water-
cool, and an inert atmosphere control limited the
contamination.

Despite concern about the purity, it appeared that
the ZrB phase is formed at the aZr—ZrB

2
interface

and is stabilized at room temperature after a slow
cooling, finally providing aZr—ZrB and ZrB—ZrB

2
interfaces. For rapid cooling, the formation of ZrB
is impeded, but boron is likely to be retained at room
temperature in a vZr(B) phase with a nearly f c c
structure.

The interfaces present in our samples have been
analysed by weak-beam and HREM. From these sys-
tems, always characterized by high symmetry orienta-
tion relationships, it arises that interfaces with a small
misfit (about 3%) are accommodated by a network
of dislocations. For a large misfit (about 10% or
more), the accommodation is likely to be achieved by
a complex arrangement of structural defects, which
produce an apparent good matching at the interface as
for the vZr—ZrB

2
(1 1 1) E (0 0 0 1) interface.
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